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a b s t r a c t 
This work is a first assessment of the radiation tolerance of the nanolayered ternary carbides (MAX 
phases), Zr 3 AlC 2 , Nb 4 AlC 3 and (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 , using proton irradiation followed by post-irradiation ex- 
amination based primarily on x-ray diffraction analysis. These specific MAX phase compounds are being 
evaluated as candidate coating materials for fuel cladding applications in advanced nuclear reactor sys- 
tems. The aim of using a MAX phase coating is to protect the substrate fuel cladding material from cor- 
rosion damage during its exposure to the primary coolant. Proton irradiation was used in this study as a 
surrogate for neutron irradiation in order to introduce radiation damage into these ceramics at reactor- 
relevant temperatures. The post-irradiation examination of these materials revealed that the Zr-based 
312-MAX phases, Zr 3 AlC 2 and (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 have a superior ability for defect-recovery above 400 °C, 
whilst the Nb 4 AlC 3 does not demonstrate any appreciable defect recovery below 600 °C. Density func- 
tional theory calculations have demonstrated that the structural differences between the 312 and 413- 
MAX phase structures govern the variation of the irradiation tolerance of these materials. 
© 2019 Acta Materialia Inc. Published by Elsevier Ltd. 
This is an open access article under the CC BY license. ( http://creativecommons.org/licenses/by/4.0/ ) 
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(  1. Introduction 
MAX phase compounds have been considered promising can-
didate materials for use in accident tolerant fuel (ATF) claddings
in 3rd generation (Gen-III) light-water reactors (LWRs) and future
(Gen-IV) fission plants [1 , 2] . This is due to a unique combina-
tion of metallic and ceramic properties, such as ductility, thermal
shock resistance and machinability, usually exhibited by metals,
alongside high stiffness, resistance to high-temperatures and corro-
sion resistance attributed to ceramics [3 , 4] . MAX phase compounds
have also been reported to exhibit a good ability to annihilate
radiation-induced defects at elevated temperatures [5–7] . The MAX
phases are nanolayered ternary carbides or nitrides with the stoi-
chiometry M n + 1 AX n , where n = 1, 2, or 3, M is an early transition∗ Corresponding author. 
E-mail address: david.bowden@ukaea.uk (D. Bowden). 
w  
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1359-6454/© 2019 Acta Materialia Inc. Published by Elsevier Ltd. This is an open access aetal, A is an element predominantly from group 13 or 14, and X
s either carbon or nitrogen [3] . X atoms occupy octahedral sites
etween the M layers, within a hexagonal unit cell of space-group
 6 3 /mmc. Supplementary Fig. S1 demonstrates the typical arrange-
ent of the unit cell in 312 and 413-MAX phases. Strong covalent
onds exist between ‘ceramic’ M-X atoms, whilst weaker covalent
onding exists between M-A atoms and the A-layers are bonded
etallically [3] . 
Most Gen-IV fission reactors are designed to operate at higher
emperatures (in the 500 – 800 °C range), higher irradiation flu-
nces (between 150 and 200 dpa) [8 , 9] , using a range of inherently
ggressive primary coolants (e.g. heavy liquid metals, molten salts)
s compared to Gen-III LWR systems [8] . Pressurised water reactor
PWR) and boiling water reactor (BWR) fuel cladding materials
itness a typical radiation damage of 2–5 displacements per
tom (dpa) per year [9] . Such neutron fluences typically introduce
ppreciable microstructural damage into the irradiated materials,rticle under the CC BY license. ( http://creativecommons.org/licenses/by/4.0/ ) 
D. Bowden, J. Ward and S. Middleburgh et al. / Acta Materialia 183 (2020) 24–35 25 
c  
i
 
a  
m  
n  
c  
p  
t  
r  
t  
t  
N
 
o  
r  
t  
a  
o  
T  
l  
t  
P  
t  
t  
o  
w  
t  
a  
p  
a  
a  
o  
d  
c  
r  
a  
s
 
p  
m  
A  
m  
a  
a  
a  
i  
p  
x  
i
2
2
a  
(  
s  
t  
p  
d  
°  
(  
t  
T  
Fig. 1. Schematic representation of an irradiated matchstick sample, indicating the 
different areas used for XRD data acquisition (blue crosses). (For interpretation of 
the references to colour in this figure legend, the reader is referred to the web 
version of this article.) 
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4ausing a degradation of mechanical properties, such as
rradiation-induced embrittlement, hardening and creep [9 , 10] . 
New MAX phase compounds, with an M element of Zr, Nb
nd/or Ti, have been fabricated as potential fuel cladding coating
aterials either for ATF applications (LWRs), or for next-generation
uclear systems with corrosive primary coolants (e.g. Gen-IV lead-
ooled fast reactors, LFRs) [11–15] . Zr-based MAX phases are of
articular interest due to the small neutron cross-section of Zr and
he promising performance of ZrC-based ceramics in nuclear envi-
onments [16 , 17] . Whilst the neutron cross-section of Nb is larger
han Zr, the ability to synthesise (Nb,Zr)-based MAX phases and
heir favorable refractory metal properties justifies the interest in
b-based compositions. 
This study seeks an initial assessment of the radiation response
f Zr 3 AlC 2 , Nb 4 AlC 3 and (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 MAX phase-based ce-
amics at irradiation test temperatures targeting nominal opera-
ion conditions in Gen-III LWRs or Gen-IV nuclear systems, such
s the LFR concept. Previous studies into the irradiation-response
f MAX phase-based ceramics have focussed almost exclusively on
i-based compounds [5 , 7 , 18–26] . Dual Zr/Ti MAX phase solid so-
utions are attractive due to the reduction of the material neu-
ron cross-section through the partial replacement of Ti by Zr [15] .
roton ( H + ) irradiation of these ceramics has been carried out
o two specific damage levels allowing an assessment of the lat-
ice response of each material to these irradiations. In the case
f Zr 3 AlC 2 , an additional high-damage level has been investigated
ithin this study. H + irradiation is used as a surrogate for neu-
ron irradiation, primarily because protons allow irradiation dam-
ge to be rapidly generated within a material, without significant
ost-irradiation material activation. It is accepted that H + irradi-
tion produces damage structures comparable to neutron irradi-
tion, but caution must be applied when comparing both types
f irradiation [27] . H + suffers a reduced penetration depth, so the
epth of the region analysed must be carefully controlled to ensure
onsistent levels of damage are being assessed. Additionally, H + ir-
adiation will produce a wider energy range of primary knock-on
toms (PKA’s) compared to neutron irradiation [28] . This results in
maller defect clusters within H + irradiated materials. 
In this study, density functional theory (DFT) has been em-
loyed to provide insight into the likely radiation-induced defect
echanisms occurring in the Zr 3 AlC 2 and Nb 4 AlC 3 MAX phases.
longside the irradiation study, baseline characterisation of the
icrostructures for both compositions is presented establishing
n understanding of the importance of phase purity. Part of the
ssessment of the suitability of these materials for fuel cladding
pplications involves investigating their capability to anneal
rradiation damage and the MAX phase stability at elevated tem-
eratures. Therefore, the results of a combined in-situ heating and
-ray diffraction (XRD) study are also presented here, so as to
nvestigate the material recovery behaviour. 
. Experimental methods 
.1. Materials synthesis 
The laboratory-grade MAX-phase based ceramics Zr 3 AlC 2 
nd Nb 4 AlC 3 were supplied by KU Leuven, Belgium, whilst
Zr 0.5 ,Ti 0.5 ) 3 AlC 2 was supplied by Imperial College London, UK. All
amples were supplied in the form of circular billets of 2 mm
hickness and 40 mm diameter, produced by the reactive hot-
ressing method. This method involves mixing pure-element pow-
ers, followed by hot pressing at: 1500 °C for Zr 3 AlC 2 or 1700
C for Nb 4 AlC 3 for 30 min at 20 MPa pressure, and 1450 °C for
Zr 0.5 ,Ti 0.5 ) 3 AlC 2 for 60 min at 30 MPa pressure. Greater detail of
he fabrication methodologies can be found elsewhere [12 , 13 , 15] .
he billets were then cut into matchsticks, suitable for H + irradi-tion. These matchsticks were typically 2 ×2 ×20 mm in size and
ut using electro-discharge machining (EDM), as shown in Fig. 1 .
he matchsticks were polished to a mirror finish using colloidal
ilica suspension. The pre-irradiation characterisation of the pre-
ared matchsticks is described in the following sections. 
.2. Microstructural characterisation 
Electron backscatter diffraction (EBSD) and energy-dispersive x-
ay spectroscopy (EDS) were used to characterise the as-received
AR) materials using an FEI Quanta 250 field emission gun (FEG)-
canning electron microscope (SEM) for Zr 3 AlC 2 and a Zeiss Sigma
EG-SEM for Nb 4 AlC 3 and (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 . The Quanta 250 was
tted with an Oxford Instruments NordlysNano EBSD detector and
xford Instruments X-Max N 80 mm 2 EDS detector. The Zeiss Sigma
ses an Oxford Instruments NordlysNano EBSD detector and Oxford
nstruments X-Max N 150 EDS detector. Secondary electron (SE) im-
ges were captured using an accelerating voltage of 20 kV. EBSD
aps were captured using a 200 nm step-size and 20 kV accelerat-
ng voltage with EDS maps collected in parallel. 
Porosity was measured by image analysis on SEM micro-
raphs obtained from each sample of Zr 3 AlC 2 , Nb 4 AlC 3 and
Zr 0.5 ,Ti 0.5 )AlC 2 in the AR condition. Porosity analysis was per-
ormed on image areas of at least 560 ×370 μm. The SE images
ere thresholded using Fiji v1.51 [29] , leaving only pores visible,
llowing the area fraction of porosity to be calculated. Features
lassified as pores were identified by the characteristic electron
harging of the pore edge, which results in an increase in SE im-
ge brightness around such features. Pores could also be confirmed
rom EBSD data, with pores showing zero band-contrast. 
Post-irradiation microscopy was carried out using a Zeiss Sigma
EG-SEM operating at 20 kV. SE images were collected from both
rradiated and non-irradiated regions of the sample surface, as il-
ustrated in Fig. 1 . 
.3. Density functional theory 
In order to better understand the likely mechanisms of radia-
ion damage in these materials, intrinsic defect calculations were
arried out using DFT to determine the most favourable lattice de-
ects in Zr 3 AlC 2 and Nb 4 AlC 3 . Vacancies, anti-site defects and in-
erstitials were considered. Vacancies and anti-sites were consid-
red as isolated defects on each symmetrically distinct lattice site.
 total of eight interstitial sites were considered for each element
ithin the 312-MAX phase structure and ten sites within the 413-
AX phase structure. The typical crystal structures for 312 and
13-MAX phases are shown in Supplementary Fig. S1. 
26 D. Bowden, J. Ward and S. Middleburgh et al. / Acta Materialia 183 (2020) 24–35 
Fig. 2. Schematic of the experimental setup used for proton irradiation: (a) lateral view of the heated stage assembly; (b) view normal to the sample surface, demonstrating 
the H + ion beam raster pattern used to homogenously irradiate the sample surface. 
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i  Atomistic simulations were carried out using the DFT Vi-
enna Ab-initio Simulation Package (VASP) [30 , 31] , using static
calculations at the reaction enthalpy (0 K). Previously calculated
nudged elastic band (NEB) migration energy barriers for Ti 3 SiC 2 
and Ti 3 AlC 2 MAX phase structures [32] were used to inform the
study carried out here. A 3 ×3 ×3 supercell of the Nb 4 AlC 3 and
Zr 3 AlC 2 MAX phase structures (both with P 6 3 /mmc symmetry in
the Hermann-Mauguin notation) were used for all calculations
containing 144 lattice sites (72 Nb, 18 Al and 54 C) and 108 lat-
tice sites (54 Zr, 18 Al and 36 C), for the Nb 4 AlC 3 and Zr 3 AlC 2 
MAX phases, respectively. A cut-off energy of 450 eV was used for
all calculations which were performed under constant pressure, al-
lowing the size and shape of the supercell to vary with the atomic
positions. The self-consistent field convergence criterion was set
at 1 ×10 −5 eV and the geometry optimization convergence crite-
rion was set at 1 ×10 −4 eV. Projector augmented wave potentials
[33] were chosen from the VASP library, which utilized the gen-
eral gradient approximation exchange correlation, as determined
by Perdew, Burke and Ernzerhof (GGA-PBE [34] ). A 4 ×4 ×4 k -
point grid was used for all calculations and a Methfessel-Paxton
smearing method was used with a smearing width of 0.2 eV. 
2.4. Proton irradiation and post-irradiation examination by XRD 
Proton ( H + ) irradiation was carried out at the Dalton Cum-
brian Facility (DCF) of the University of Manchester, Cumbria,
UK [35] . Fig. 2 a outlines a cross-sectional view of the sample
and stage arrangement used in this study. The Zr 3 AlC 2 , Nb 4 AlC 3 
and (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 matchstick samples were aligned across an
indium-well and secured using both steel and tantalum shims. A
heater and a cooling loop below the indium well ensured thermal
control during the irradiation experiments. A window cut into the
shims allowed the H + beam to be rastered across the sample sur-
face, as illustrated in Fig. 2 b. 
Irradiations were carried out using 2 MeV H + with a flux
of 2.5 ×10 13 H + cm -2 ·s -1 .Fluences of both 1.8 ×10 17 H + cm −2 and
1.8 ×10 18 H + cm −2 were used to produce samples of low (ap-
proximately 0.01 dpa) and moderate (approximately 0.1 dpa)
doses, respectively, within the plateau region of proton-induced
damage. The dose rate in the plateau region of interest (defined
below) at both low and moderate dose level, was approximately
1.3 ×10 −6 dpa ·s − 1 . The Zr 3 AlC 2 -based ceramic was additionally
irradiated at a flux of 8.9 ×10 13 H + cm −2 ·s − 1 and a fluence of
1.35 ×10 19 H + cm −2 , to a high dose of approximately 1 dpa. This
corresponds to a dose rate of 5.3 ×10 −6 dpa ·s − 1 in the plateau
region. A 10 ×2 mm area in the centre of each matchstick sam-
ple was irradiated ( Fig. 1 ). Two irradiation temperatures of 350
°C and 575 °C were selected, which allows thermal conditions
similar to both Gen-III and Gen-IV reactors, respectively, to be
simulated. Therefore, 14 samples (i.e., 6 ×Zr AlC , 4 ×Nb AlC ,3 2 4 3  × (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 ) were irradiated at each dose and temper-
ture combination described above. The maximum permissible
emperature variation at the sample surface was ±10 °C, measured
sing infrared detectors, calibrated using a thermocouple reading
rior to irradiation. The use of line-profile measurements ensured
omogeneity of the temperature distribution across the sample
urface. 
Dose profiles for Zr 3 AlC 2 , Nb 4 AlC 3 and (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 were
imulated using the Stopping Range of Ions in Matter (SRIM) 2013
oftware package [36] ( Fig. 3 ). The quick Kinchin-Pease calcula-
ion was applied to simulate the collision of 10 0,0 0 0 H + ions into
he sample surface. Standard displacement threshold values were
sed for the SRIM calculations, i.e. 25 eV for Zr, Nb, Ti and Al and
8 eV for C. For 2 MeV H + , the Bragg peak (maximum damage) in
r 3 AlC 2 (theoretical density of 5.62 g ·cm −3 ) occurs 30 μm below
he irradiated face ( Fig. 3 a). Nb 4 AlC 3 has a theoretical density of
.04 g ·cm −3 , therefore, the proton stopping ranges are shorter; i.e.
he Bragg peak occurs at 23.5 μm below the irradiated specimen
urface ( Fig. 3 b). (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 has a theoretical density of 4.92
 ·cm −3 and the Bragg peak occurs at 29.6 μm below the irradiated
pecimen surface ( Fig. 3 c). 
Post-irradiation analysis of the matchsticks was carried out us-
ng XRD. Two sites were selected per sample: one located 2.5 mm
rom the sample edge in the non-irradiated region, and one in
he middle of the 10 mm-long irradiated region in the centre of
he matchstick. Both positions were situated halfway across the
-mm matchstick width. The schematic in Fig. 1 illustrates this ar-
angement. By collecting XRD data from these sites, it was possible
o monitor the radiation-induced lattice changes in each specimen.
It was important to calculate the linear absorption coefficient
LAC) of x-rays generated from a Co source ( λ=1.79 A˚), penetrat-
ng normal to the sample irradiated surface, in order to control the
epth from which x-ray data is generated. The variation in the gen-
rated x-ray signal intensity as a function of the penetration depth
s plotted in Fig. 3 . This approach allows the accumulated dam-
ge at the plateau region of the SRIM profile to be determined.
he plateau region provides a relatively consistent level of H + dose
cross a larger region of irradiated material. 
To be more precise, it was decided that the depth from which
0% of the x-ray signal was generated should define the plateau
amage, since laboratory x-ray signals below 30% intensity are ob-
cured by noise [37] . It was determined that the plateau depth
n Zr 3 AlC 2 was approximately 14 μm ( Fig. 3 a), in Nb 4 AlC 3 it was
0 μm ( Fig. 3 b) and in (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 it was 14.5 μm ( Fig. 3 c).
he irradiations were designed in such a manner that the targeted
amage levels were achieved within the sample plateau region.
he dose achieved per sample varied depending on material sto-
chiometry and density and is summarised in Table 1 . 
A Bruker D8-Discover with a Co source ( λ= 1.79 A˚) was used
n the theta-theta setup to perform the XRD analysis. A Göbel
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Fig. 3. SRIM profiles for: (a) Zr 3 AlC 2 , (b) Nb 4 AlC 3 and (c) (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 , calculated for 2 MeV H 
+ ions at a fluence of 1.8 ×10 18 protons cm −2 together with the normalised 
x-ray signal intensity generated as a function of the proton ( H + ) penetration depth. The depth of detectable x-ray signal at 30% signal intensity (shown by dash-dot horizontal 
grey lines) or lower is indicated by dotted vertical blue lines. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of 
this article.) 
m  
t  
w  
g  
s  
e  
3  
3
 
R  
g  
f  
d  
v  
w  
s  
r  
p  
e  
a
2
 
(  
u  
D  
c  
R  
m  
Table 1 
Actual irradiation damage achieved in the plateau region of each sample, given in 
displacements per atom (dpa). Only Zr 3 AlC 2 was irradiated to the high damage dose 
of ∼1 dpa. 
Composition Damage dose (dpa) 
Low Moderate High 
Zr 3 AlC 2 0.009 0.091 0.794 
Nb 4 AlC 3 0.009 0.085 –
(Zr 0.5 ,Ti 0.5 ) 3 AlC 2 0.010 0.099 –
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1  irror was used to produce a parallel, monochromatic beam on
he samples. Vertical slits of 0.1 mm across ensured that the beam
ould not spill over the width of the matchstick at shallower an-
les, whilst a horizontal masque exposed only 5 mm of the match-
tick length at each point, ensuring that the analysed regions were
ither fully irradiated or non-irradiated. A collection 2 θ range of
0 – 140 ° was used per scan, with a 0.02 ° step size, counting for
.8 s ·step −1 . 
XRD data were analysed using TOPAS v5 [38] , whereby full
ietveld structural fits were performed on each dataset. Typical
oodness of fit (GOF) values ranged between 2.5 and 3.5, although
or the Nb 4 AlC 3 -based ceramics that were irradiated to moderate-
amage, GOF values increased to 6.8. This is attributed to a large
ariation in peak intensities that were difficult to fit perfectly
ith texture correction routines. However, peak positions were in-
pected manually to ensure that peak centres were fitted accu-
ately since these governed the measured lattice parameters. The
ercentage changes in lattice parameters, calculated from the Ri-
tveld refinements, could then be compared between the irradi-
ted and non-irradiated regions of the specimens. 
.5. Variable temperature XRD study 
Zr 3 AlC 2 and Nb 4 AlC 3 in both the non-irradiated, as-received
AR) and low-damage 350 °C irradiated conditions were studied
sing an in-situ variable temperature (VT) XRD set up. A Bruker-
8 Advance operating with a Cu source ( λ= 1.54 A˚) was used to
ollect the data, whilst the samples were enclosed in a Material
esearch Institute (MRI) environmental VT stage. A nitrogen purge
inimised sample oxidation during testing. Once again, the match-tick centres were used to collect data from the fully irradiated
egion ( Fig. 1 ). AR materials were supplied as 10 ×10 ×2 mm
uboids with a beam size of 2 ×0.6 mm positioned at the sample
entre. 
XRD patterns were collected at specific points along a temper-
ture profile. These were: room temperature (RT; 25 °C), 200 °C,
00 °C, 350 °C, 400 °C, 450 °C, 500 °C, 550 °C and 600 °C, before fi-
ally cooling down to RT, where the final XRD pattern was col-
ected. The temperature profile is shown in Supplementary Fig. S2.
he heating/cooling rate used was 10 °C ·min −1 . Patterns were col-
ected across a 2 θ range of 30 to 75 °, with a step size of 0.03 ° and
 counting time of 5 s ·step −1 , equating to a dwell time of approx-
mately 2 h. Inspection of peak-shifts during a trial experiment of
R Zr 3 AlC 2 gave confidence that the microstructure rapidly reaches
teady-state conditions once the scan commenced during the sam-
le dwell at elevated temperatures. Once again, data analysis was
arried out using TOPAS v5 [38] , generating full Rietveld structural
ts. The analysis yielded favourable GOF values, ranging between
.1 and 2.6 for all datasets. At each temperature step, changes in
28 D. Bowden, J. Ward and S. Middleburgh et al. / Acta Materialia 183 (2020) 24–35 
Table 2 
Summary of the phase fractions of Zr 3 AlC 2 , Nb 4 AlC 3 and (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 MAX phase-based ceramics determined from XRD data. 
All phase fractions are given in wt.%. Uncertainties shown in parentheses. 
Zr 3 AlC 2 (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 (Zr 0.5 ,Ti 0.5 ) 2 AlC Nb 4 AlC 3 (Zr,Ti)C Al 2 Zr Ti 3 Al Zr 2 Al 3 Al 3 Nb 
Zr 3 AlC 2 44(4) – – – 12(1) – 44(3) –
Nb 4 AlC 3 – – – 93(2) – – – 7(2) 
(Zr 0. 5,Ti0 .5 ) 3 AlC 2 – 59(15) 18(4) – 17(11) 2(2) 3(1) – –
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t  the a and c lattice parameters were calculated from the Rietveld
analysis of the XRD data. 
3. Results and discussion 
3.1. Baseline characterisation of AR Zr 3 AlC 2 , Nb 4 AlC 3 and 
(Zr 0.5 ,Ti 0.5 ) 3 AlC 2 
XRD was used to establish the phase purity of the AR samples
of Zr 3 AlC 2 , Nb 4 AlC 3 and (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 . Typical XRD patterns for
these ceramics are shown in Supplementary Fig. S3 whilst the
phase fraction results (measured in wt.%) are presented in Table 2 .
The Zr 3 AlC 2 billet had a low MAX phase content with a fraction of
44(4) wt.%. Within the same material, the intermetallic compound
Zr 2 Al 3 accounted for 44(3) wt.%, whilst the ZrC carbide accounted
for 12(1) wt.%. The (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 billet was also characterised by
a moderate MAX phase content, consisting of 59(15) wt.% 312-MAX
phase (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 , 18(4) wt.% 211-MAX phase (Zr 0.5 ,Ti 0.5 ) 2 AlC
and 17(11) wt.% (Zr,Ti)C carbide. In addition, small amounts of in-
termetallic phases were detected, i.e. 2(2) wt.% of Al 2 Zr and 3(1)
wt.% of Ti 3 Al. Contrary to this, the Nb 4 AlC 3 billet had a MAX phase
purity of 93(2) wt.% and 7(2) wt.% Al 3 Nb intermetallic. These find-
ings are in agreement with previous works reporting the difficulty
in achieving a high phase purity in Zr-based MAX phase ceram-
ics [12 , 39] . This is opposed to Nb-based MAX phases where phase-
pure samples are more readily synthesised. 
The EBSD phase map of Zr 3 AlC 2 demonstrates its microstruc-
tural heterogeneity ( Fig. 4 a). MAX phase grains are easily distin-
guished by their lath-like habit when compared to the equiaxed
secondary phases ZrC and Zr 2 Al 3 . It is known that the MAX phases
grow more rapidly along the a -direction than the c -direction
[40] . In addition, observation of the inverse pole figure (IPF)
orientations along the Z direction (i.e. the direction normal to the
viewing plane) indicates that MAX phase grains become aligned
with the 〈 0 0 01 〉 direction, parallel to the compression axis during
sintering ( Fig. 4 b), as previously reported [12] . The lath-like grain
morphology of Nb 4 AlC 3 is more readily visible ( Fig. 4 c), where
Al 3 Nb occupies dispersed regions between the Nb 4 AlC 3 laths. Once
again, a slight preference for grain alignment along the 〈 0 0 01 〉
direction is observed ( Fig. 4 d). The microstructures of Zr 3 AlC 2 
( Fig. 4 a) and (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 ( Fig. 4 e) are similar. Significant
microstructural heterogeneity is also observed in (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 
where finer (Zr,Ti)C precipitates cluster between the MAX phase
grains ( Fig. 4 e and f). EBSD mapping was unable to distinguish
the (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 and (Zr 0.5 ,Ti 0.5 ) 2 AlC MAX phase grains, due to
the fact that both phases share the P 6 3 /mmc space-group and have
nearly identical a -lattice parameters. However, the 37% difference
in c -lattice parameter (i.e. 19.39 A˚ for (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 and 14.16 A˚
for (Zr 0.5 ,Ti 0.5 ) 2 AlC) should theoretically allow the two phases
to be discerned by EBSD, but in this case a combination of the
measurement settings and/or the equipment sensitivity prevented
this. 
The apparent tendency of the Zr 3 AlC 2 phase towards decom-
position during processing leads to a grain size refinement, which
is likely due to the precipitation of the secondary phases in this
material. The average Zr 3 AlC 2 phase grain size was 1.8(1) μm
along the lath-length and 1.0(1) μm along the lath-width. Thereater MAX phase content in the (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 ceramic, pro-
oted the formation of larger grains with 3.1(1) μm along the
ath-length and 1.7(1) μm along the lath-width. In comparison,
he Nb 4 AlC 3 ceramic possessed the largest MAX phase grains
ith an average lath-length of 5.2(3) μm and a lath-width of
.6(2) μm. 
SE detector images of the AR ceramic microstructures revealed
icrocracking within the Zr 3 AlC 2 laths ( Fig. 5 a). As the MAX phase
aths grow along the a -direction [40] , it is inferred that the cracks
evelop along the basal planes, normal to the c -direction. Nb 4 AlC 3 ,
n the other hand, bears some evidence of cracking normal to the
 -direction in the AR condition ( Fig. 5 d), but not to the same ex-
ent as the Zr 3 AlC 2 . Cracking within the MAX phase laths of the
R (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 was not observed ( Fig. 5 g). The possible rea-
ons for the observed cracking in the Zr 3 AlC 2 MAX phase grains
ill be discussed later. 
Low-magnification SE images allow the determination of the
evels of porosity in the AR MAX phase ceramics. The Nb 4 AlC 3 
eramic exhibited a high level of porosity at a fraction of 5.17%.
r 3 AlC 2 had a porosity level of 3.49%, whilst the (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 
as the least porous, at a fraction of 0.41%. It is worthwhile to
ote that surface damage resembling porosity is introduced dur-
ng sample preparation, particularly by way of grain pull-out dur-
ng grinding. Fine particles of Al 2 O 3 , present from the reactive
ot press process, are particularly susceptible to pull-out during
rinding. Therefore, the porosity determined here, is expected to
e larger than the porosity actually present in the samples after
abrication. 
.2. XRD study of proton-irradiated materials 
Proton-irradiated matchsticks from each material were assessed
or lattice parameter changes using XRD. It should be noted that
ince separate XRD signals are produced by specific phases within
ach material, the changes observed in irradiated MAX phase
rains present in the heterogeneous Zr 3 AlC 2 and (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 
eramics can be assessed independently, despite the low MAX
hase yield in these materials. The lattice c -parameter was ob-
erved to increase from the non-irradiated to the irradiated con-
ition, at both low- and moderate-damage levels and both irradia-
ion temperatures (350 and 575 °C), as shown in Fig. 6 a to c. 
Usually, the irradiation-induced c -parameter expansion in
AX phases is accompanied by an a -parameter contraction
5,7,18,21,24,26,41–43] . Fig. 6 b–d shows the changes in a - and c -
arameters side-by-side. At low damage, the a -parameter contrac-
ion is too small to be reliably observed. However, the lattice pa-
ameter changes at moderate and high damage levels ( ∼0.1 dpa
nd greater) show the effect of a -parameter contraction due to an
nisotropic unit cell distortion more clearly ( Fig. 6 c and d). Of great
nterest here is the obvious difference in c -parameter expansion
etween the Zr-based 312-MAX phases and the Nb-based 413-MAX
hase. 
At 350 °C, all samples exhibit high levels of c -parameter ex-
ansion, although in most cases, Nb 4 AlC 3 appears to perform
arginally better than the Zr-based MAX phases ( Fig. 6 a to c).
owever, when irradiated at 575 °C, this behaviour changes, and
he Zr-based MAX phases show a greatly reduced c -parameter
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Fig. 4. EBSD phase maps (left column) and IPF-Z maps (right column) of typical non-irradiated microstructures in the: (a,b) Zr 3 AlC 2 ; (c,d) Nb 4 AlC 3 and (e,f) (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 
MAX phase-based ceramics. Orientation IPF-Z legends for the major phases are indicated to the right of the IPF-Z maps. Grain and phase boundaries are shown in black. 
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g  xpansion as compared to Nb 4 AlC 3 ( Fig. 6 a to c). The observed lat-
ice recovery of the MAX phases at high temperatures has been
eported in previous studies, such as that by Tallman et al. [18] ,
hereby lattice recovery was observed in Ti-based MAX phases
t 695 °C. At the high-damage level of 1 dpa at 350 °C, Zr 3 AlC 2 
emonstrates a significant c -parameter expansion of 2.41%, which
s reduced to 0.21% at 575 °C ( Fig. 6 a and d). 
These findings suggest that the Zr-based 312-MAX phases
r 3 AlC 2 and (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 have a superior capability for defect-
ecovery in the 350–575 °C temperature range as compared to
b 4 AlC 3 . It is postulated that Zr 3 AlC 2 and (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 ex-
ibit such promising high-temperature irradiation tolerance when
ompared to Nb 4 AlC 3 , partly due to the microstructural differ-
nces between these ceramics, and partly due to the increased re-
ractory properties of Nb 4 AlC 3 . Both Zr 3 AlC 2 and (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 
ave finer grain sizes and higher amounts of secondary phases
 Fig. 4 a and e) as compared to Nb 4 AlC 3 ( Fig. 4 c), providing a
reater number of sites that can act as defect sinks, such as
rain boundaries [44] . Moreover, the 413 Nb 4 AlC 3 MAX phase is
nown for its outstanding high-temperature stability, retaining its
exural strength up to 1400 °C [45] . Therefore, it is expected
hat its potential for dynamic recovery of radiation-induced de-
ects will be shifted to higher temperatures as compared to the
12 Zr-based MAX phases Zr 3 AlC 2 and (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 . This work
ncludes a DFT study on how differences in the atomic struc-
ural configuration of these MAX phases relates to their radiation
esponse. .3. SEM study of proton-irradiated materials 
SE detector imaging was used to assess the integrity of these
eramics after undergoing such an irradiation-induced distortion.
E images of the sample surfaces in both the AR and moderate-
amage states, after H + irradiation at 350 and 575 °C are shown
n Fig. 5 . In the AR condition, Zr 3 AlC 2 shows clear lath-wise crack-
ng of the MAX phase grains ( Fig. 5 a). After irradiation at 350 °C,
he lath-wise cracks appear to be reduced in number, likely be-
ause of the expansion of the MAX phase grains in the c -direction,
hich results in the partial closure of these cracks ( Fig. 5 b).
racking was not readily observed in Zr 3 AlC 2 irradiated at 575 °C
 Fig. 5 c). Nb 4 AlC 3 exhibited lath-wise cracking in the AR condition
 Fig. 5 d), which developed into more severe intergranular crack-
ng after moderate-damage irradiation at 350 °C ( Fig. 5 e). Crack-
ng of Nb 4 AlC 3 was not clearly observed after irradiation at 575 °C
 Fig. 5 f). (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 did not exhibit significant cracking in the
R region of the matchstick ( Fig. 5 g), but intergranular cracking
as observed after moderate damage irradiation at 350 °C ( Fig. 5 h).
racking was not readily observed in the (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 irradi-
ted to a moderate-damage at 575 °C ( Fig. 5 i). The relatively re-
uced crack severity of (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 irradiated at 350 °C as
ompared to the irradiated Nb 4 AlC 3 , may be partly attributed
o the finer-grained, heterogeneous microstructure of the former,
hich provides a greater number of sites for stress-relief within
he microstructure, limiting the extent of any crack growth. The
reater stiffness of Nb AlC relative to the Zr-based MAX phase4 3 
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Fig. 5. SE-detector images of the irradiated matchsticks in the as-received (AR) and moderate irradiation damage level ( ∼0.1 dpa) states. (a) AR Zr 3 AlC 2 showing interlath 
cracks (the inset shows crack formation between basal planes); (b) Zr 3 AlC 2 irradiated at 350 °C, showing a reduced number of interlath cracks (inset); (c) Zr 3 AlC 2 irradiated 
at 575 °C; (d) AR Nb 4 AlC 3 showing fine interlath cracks (inset image shows cracking at a different region); (e) Nb 4 AlC 3 irradiated at 350 °C, showing intergranular cracks 
between MAX phase grains (inset); (f) Nb 4 AlC 3 irradiated at 575 °C; (g) AR (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 ; (h) (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 irradiated at 350 °C, showing regions of interphase cracking 
(inset); (i) (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 irradiated at 575 °C, no cracks observed. 
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w  compounds [45] would also encourage increased levels of crack
formation. 
3.4. DFT calculations of radiation-induced defects 
3.4.1. Nb 4 AlC 3 
Following the findings of the XRD study on the proton-
irradiated MAX phase ceramics, DFT simulations were performed
to understand the effect of the MAX phase crystal structure on
the material’s capability for defect-recovery. The original non-
irradiated, pristine Nb 4 AlC 3 lattice is shown in Supplementary Fig.
S4e. Both Nb and C have two symmetrically distinct sites within
the Nb 4 AlC 3 structure (M-1 and M-2 for Nb; C-1 and C-2 for C;
see Supplementary Fig. S1b). It was found that the Nb vacancy is
most stable, by a margin of 0.78 eV, within the M-1 layer close to
the A-layer. This behaviour has been previously observed in MAX
phases with partly different stoichiometries, such as Ti 3 AlC 2 and
Ti 3 SiC 2 [32] . Conversely, the C vacancy is most stable, by a margin
of 0.82 eV, in the layer furthest from the A-layer (C-2) within the
Nb 4 AlC 3 lattice. 
Nb, Al and C interstitials were most stable in the A-layer. The
C interstitial preferentially resides in the (0, 0, ¼) interstitial site,hich is similar to the preferential C interstitial in Ti 3 SiC 2 [32] . In
his position, the C atom is coordinated in the z -direction by two
b atoms (above and below) and by three Al atoms within the
asal plane. The C-Al distance is 1.98 A˚ and the C –Nb distance is
.13 A˚ (both have similar bond lengths in their respective binary
arbides). The second most favourable interstitial site for C lies
etween the A and M-1 layer and is 0.93 eV less favourable than
he (0, 0, ¼) site. Other considered interstitial sites have energies
reater than 2 eV less favourable than the most stable C intersti-
ial site. C Frenkel pairs (Supplementary Fig. S4f) will have diffi-
ulty recombining given the multiple atomic layers between the
referred interstitial sites and the preferred vacancy sites (a mini-
um of 6.0 A˚ away). The calculated C Frenkel formation energy is
.48 eV, which is much lower than the computed formation energy
f a C Frenkel pair in both Ti 3 AlC 2 and Ti 3 SiC 2 ( > 3 eV) [32] . As
uch, the equilibrium C Frenkel concentration will be significantly
igher. 
Both the Al and the Nb interstitials prefer the (2/3, 1/3, 1/4)
ite, which is not coordinated in the z -direction by Nb atoms. The
renkel pair formation energies for Al and Nb are 4.28 eV and
.56 eV, respectively. Given that Al interstitials preferentially sit
ithin the A-layer (Supplementary Fig. S4g), it is expected that
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Fig. 6. Magnitude of lattice parameter change for Zr 3 AlC 2 , Nb 4 AlC 3 and (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 after proton irradiation of: (a) samples irradiated to both low and moderate damage 
levels, plus Zr 3 AlC 2 irradiated to a high-damage ( ∼1 dpa) level, showing c -parameter change only, (b) samples irradiated to both low damage (0.01 dpa) and (c) samples 
irradiated to moderate damage (0.1 dpa). (d) shows lattice parameter changes for Zr 3 AlC 2 after irradiation to a high-damage ( ∼1 dpa) level. 
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Aefect recombination will be rapid [32] . The following reaction
onsidering Nb interstitials is predicted to proceed favourably with
n energy of −0.32 eV: 
 b i + A l Al → N b Al + A l i 
This means that Nb interstitials (Nb i ) associated with Frenkel
air formation are likely to displace an Al atom from its site (Al Al )
nd reside on the Al site (Nb Al ), creating an Al interstitial (Al i ). An
l interstitial (expected to be highly mobile in the Al layer) will
trongly react with aNb vacancy producing Al Nb with an energy of
.61 eV. This suggests that NbFrenkel pair formation will lead to
nti-site defect formation, similar to both Nb Al and Al Nb . 
The anti-site defect formation energies in Nb 4 AlC 3 have also
een considered. The preferred Nb site for Al to reside at lies fur-
hest from the A-layer, on the M-2 layer, by a small energy of
.02 eV (Supplementary Fig. S4h). As such, there is no significant
ite preference. The Nb:Al anti-site energy is 3.63 eV, similar to the
:A anti-site energy in Ti 3 AlC 2 ( ∼3.3 eV) and Ti 3 SiC 2 [32] . Both
l:C and Nb:C anti-site formation energies are highly unfavourable:
.53 eV and 12.92 eV, respectively. 
Under equilibrium conditions, the dominant radiation-induced
efect considered in this work is the C Frenkel pair. However,
he ease of defect recombination under irradiation determines the
uantity of residual defects responsible for radiation-induced ma-
erial degradation. As C Frenkel pairs are expected to be extremely
ifficult to annihilate within the 413-MAX phase structure, one canxpect them to provide a significant contribution to the residual
efect population. In addition to C Frenkel pairs, the M:A anti-site
air will not recombine readily, as discussed in previous work on
12-MAX phases [41] . Since Al can reside in the M-2 layer, furthest
rom the A-layer without a penalty; the recombination of an M:A
nti-site pair in Nb 4 AlC 3 is even less favoured, further increasing
he population of anti-site pairs. 
.4.2. Zr 3 AlC 2 
Zr 3 AlC 2 was considered next and the pristine, non-irradiated
ondition is shown in Supplementary Fig. S4a. The analysis of the
r-based 312-MAX lattices showed that only the M-sites have two
ymmetrically distinct positions. It was again found that Zr va-
ancies are more stable in the layer closest to the Al layer (by a
ignificant −1.99 eV). Similarly, all intrinsic interstitials were found
o be significantly more stable in the A-layer. Both the Zr and C
nterstitials preferentially reside at the (2/3, 1/3, ¼) site, coordi-
ated by Zr atoms in the z-direction (similar to C in the Nb 4 AlC 3 
tructure). Al interstitials preferentially reside in the (1/3, 2/3, ¼)
ite which is not coordinated by Zr atoms in the z-direction. Al-
ernative sites in the A-layer are 0.72 eV, 1.76 eV and 0.09 eV less
avourable, for Zr, Al and C, respectively. C interstitials between the
 and M layers are 1.2 eV less favourable than the preferential site.
ll other sites in the Zr-C layers for Zr, Al and C are more than
 eV less favourable as compared to the most favourable site in the
-layer. 
32 D. Bowden, J. Ward and S. Middleburgh et al. / Acta Materialia 183 (2020) 24–35 
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t  The lowest energy Frenkel pair formation energies for Zr, Al and
C are 6.66 eV, 1.51 eV and 3.32 eV, respectively (similar to ener-
gies reported in [14] ). Unlike the Nb 4 AlC 3 system, the lowest en-
ergy Frenkel pair is the A Frenkel (Supplementary Fig. S4c) and
the energy for the C Frenkel (Supplementary Fig. S4b) is much
higher (more similar to C Frenkel formation energies in Ti 3 SiC 2 and
Ti 3 AlC 2 ). Zr interstitials formed through Frenkel processes will dis-
place Al from its site with an energy of −0.52 eV (similar to Nb
in Nb 4 AlC 3 ), thus creating mobile Al interstitials in the A-layer.
These Al interstitials will react with Zr vacancies (with an energy
of 2.70 eV), producing an M:A antisite pair in a similar manner to
Nb 4 AlC 3 . 
The anti-site formation energies in Zr 3 AlC 2 are similar to those
in Nb 4 AlC 3 and other MAX phases. The M:A anti-site (Supplemen-
tary Fig. S4d) formation energy is 3.44 eV. However, the Al prefer-
entially resides on an M-1 layer site, which is closest to the A-layer
(unlike Nb 4 AlC 3 ). The Al has a significant preference to this Zr site
(1.39 eV), which again is different to the Nb 4 AlC 3 system. The Al:C
and Zr:C anti-site formation energies are highly unfavourable, at
8.38 eV and 10.34 eV, respectively. 
As already mentioned, under equilibrium conditions, Al Frenkel
pairs will dominate in Zr 3 AlC 2 . Under displacive irradiation condi-
tions, M:A anti-sites and C Frenkel pairs will constitute the ma-
jority of the residual defects. Compared to Nb 4 AlC 3 , the density of
residual M:A anti-site pairs is expected to be lower in Zr 3 AlC 2 , as
a result of their simpler annihilation route. Additionally, the single
symmetrically distinct C site in the Zr 3 AlC 2 structure will enable C
Frenkel pairs to more readily annihilate as compared to the more
complicated structure in Nb 4 AlC 3 . The easier defect annihilation in
312 Zr-based MAX phases in comparison to Nb 4 AlC 3 explains the
large unit cell distortion observed experimentally in the Nb 4 AlC 3 
when irradiated at 575 °C ( Fig. 6 ). 
3.5. VT-XRD analysis of AR and proton-irradiated material 
In order to validate the findings of the DFT study and demon-
strate variability of defect-recovery rates between the 312 and 413-
MAX phase structures, analysis of the Zr 3 AlC 2 and Nb 4 AlC 3 ceram-
ics in the AR condition and the low-damage condition ( ∼0.01 dpa)
after irradiation at 350 °C was performed using variable tempera-
ture VT-XRD. It was possible to observe defect annihilation through
a reduction in the rate of thermally-induced lattice parameter ex-
pansion. 
Fig. 7 a demonstrates the reduction in the Zr 3 AlC 2 a -parameter
values after the low-damage irradiation at 350 °C relative to the AR
state throughout the entire temperature range of the heat treat-
ment (i.e. RT – 600 °C). A slight reduction is observed in both the
AR and proton-irradiated Zr 3 AlC 2 a -parameters from their initial
values when the heat-treatment has ceased and the samples are
cooled back to room temperature (white markers on Fig. 7 a). This
suggests that regardless of the condition of the sample, Zr 3 AlC 2 
undergoes an inherent reduction in the a-parameter upon heat-
treatment. By assessing the linear portion of the AR Zr 3 AlC 2 VT-
XRD data, the a -parameter thermal expansion coefficient (CTE) is
calculated as 7.6 ×10 −6 K − 1 . 
Changes in the Zr 3 AlC 2 c -parameter measured using VT-XRD
demonstrated that in both the AR and low-damage conditions,
a plateau occurs in the absolute c -parameter expansion above
∼400 °C ( Fig. 7 b). In the low-damage case, this could be attributed
to significant defect recovery, as atomic mobility increases at ele-
vated temperatures. This is in agreement with the lattice param-
eter data measured using XRD at RT, which showed that all irra-
diations carried out at 575 °C resulted in a reduced c -parameter
expansion in Zr 3 AlC 2 ( Fig. 6 ), presumably due to greater defect re-
covery at this temperature. The c -parameter CTE for Zr 3 AlC 2 was
calculated to be 9.5 ×10 −6 K − 1 , based on the AR linear data. Byxtrapolating the linear trend in thermal expansion to 600 °C in
he low-damage Zr 3 AlC 2 case, it is calculated that 0.23% recovery
n lattice parameter occurs as a result of annealing. The reasons
or the observed c-parameter plateau in the AR material, however,
s less readily apparent. When extrapolating the thermal expansion
o 600 °C in the AR case, lattice recovery is reduced to 0.14%, since
here are no irradiation-induced defects to annihilate in this con-
ition. 
Interestingly, (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 does not exhibit a plateau in ei-
her the a or c lattice parameter in the AR condition ( Fig. 7 c and
). It is believed that the N 2 purge used during the experiment led
o the destabilisation of the Zr 3 AlC 2 MAX phase. The addition of Ti
o the (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 led to the stabilisation of the MAX phase,
s demonstrated during its synthesis [15] , preventing its decom-
osition. Therefore, part of the plateauing effect observed in the
 -parameters of both AR and irradiated Zr 3 AlC 2 ( Fig. 7 b) is due to
he decomposition of this MAX phase. Unfortunately, due to exper-
mental issues, the irradiated (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 was not available for
omparison and it is, therefore, impossible to distinguish the con-
ributions of annealing versus decomposition to the c -parameter
ontraction. 
Unlike Zr 3 AlC 2 , the VT-XRD study of the a-parameter in the
R and proton-irradiated Nb 4 AlC 3 showed no observable differ-
nces between the two conditions ( Fig. 7 e). The CTE of the
b 4 AlC 3 a -parameter was calculated to be 7.0 ×10 −6 K −1 . Differ-
nces in the expansion of the Nb 4 AlC 3 c -parameter between the
R and low-damage states were more readily apparent from the
T-XRD data ( Fig. 7 f). The Nb 4 AlC 3 c -parameter was typically in-
reased by 0.11(3)% across the RT – 550 °Ctemperature range, in
xcellent agreement with the XRD data measured at RT ( Fig. 6 a
nd b). Even up to 600 °C, the c-parameter change in both the AR
nd low-damage states remained linear ( Fig. 7 f), with little devi-
tion from the calculated c -parameter CTE of 5.4 ×10 −6 K − 1 . The
ack of significant deviation of the Nb 4 AlC 3 lattice parameters from
inearity suggests that defect recovery does not occur readily below
00 °C. This behaviour can be explained with the DFT results pre-
ented earlier, whereby defect annihilation is hindered in the 413-
AX phase structure as compared to the 312-MAX phase structure.
As mentioned earlier, both Zr 3 AlC 2 and Nb 4 AlC 3 experienced a
eduction in the final RT (post-annealing) a - and c -parameters in
oth the AR and irradiated states (white markers on Fig. 7 ). The
agnitude of c -parameter reduction in the Nb 4 AlC 3 AR and low-
amage cases are equal, which suggests that a relief of the resid-
al stresses generated during sample synthesis occurs during post-
abrication annealing ( Fig. 7 f). These residual compressive strains
ithin the AR material, likely arise during hot-pressing [12] . It is
lear, however, that irradiation-induced defect recovery in Nb 4 AlC 3 
s limited to temperatures above 600 °C as opposed to Zr 3 AlC 2 ,
hich is capable of dynamic defect recovery above 400 °C. This
eans that both Zr 3 AlC 2 and Nb 4 AlC 3 MAX phase ceramics with
on-optimised microstructures (i.e. low phase purity, inadequate
rain size control) would be better suited for use in Gen-IV nuclear
ystems, where the nominal operating temperatures are higher ( >
00 °C). It is important to note, that the reduced phase purity of
he Zr 3 AlC 2 samples compared to the Nb 4 AlC 3 , could also have an
ffect on the defect recovery characteristics between the two. This
ould occur by way of providing a greater number of grain and
hase boundaries for radiation damage to anneal to in Zr 3 AlC 2 .
owever, the phase-specific study enabled through the use of XRD
nd large grains, several microns of size, within these structures
ill likely mitigate such effects. Future efforts should be focussed
n producing phase pure Zr 3 AlC 2 in order to confirm that the in-
uence such effects is minimal in further irradiation performance
nalysis. 
The VT-XRD analysis of these ceramics provided informa-
ion on phase fraction changes during heat treatment (HT). As
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Fig. 7. Lattice parameters measured using XRD during the in situ heating of Zr 3 AlC 2 and Nb 4 AlC 3 in the AR and low damage state ( ∼0.01 dpa) after irradiation at 350 °C and 
of (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 in the AR state only. Changes in (a) the Zr 3 AlC 2 a -parameter and (b) Zr 3 AlC 2 c -parameter, as defects are annihilated above 400 °C (indicated by the red 
dashed lines). Changes in (c) the a -parameter of (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 and (d) the c -parameter of (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 in AR state. Changes in (e) the a -parameter and (f) c -parameter 
of Nb 4 AlC 3 , exhibiting little recovery of irradiated lattice parameters. (For interpretation of the references to colour in this figure legend, the reader is referred to the web 
version of this article.) 
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t  iscussed earlier, microcracks were observed along the c -direction
n the AR Zr 3 AlC 2 MAX phase laths ( Fig. 5 a). Previous work by La-
auw et al. [12] showed that Al is depleted along these cracks, sug-
esting a loss of Al during processing. The VT-XRD findings pro-
ide an insight as to why such Al leaching occurs above 300 °C.
ere, the AR Zr 3 AlC 2 MAX phase decomposes according to the
eaction: Z r 3 Al C 2 → ZrC + Z r 3 A l 2 ( Fig. 8 a). This process effectively
eads to MAX phase exfoliation, forming alternating layers of the
inary carbide and the Zr-Al intermetallic. The Zr 3 AlC 2 decom-
osition occurred at a significantly lower temperature than the
575 °C reached during processing [12] , suggesting the thermo-
ynamic instability of this particular MAX phase, which may bexacerbated by the presence of a N 2 -rich atmosphere. This ther-
odynamic instability may also explain, to a certain extent, the
ow MAX phase yields in the Zr 3 AlC 2 ceramic reported previously
11 , 12 , 14] . This phase decomposition also affects the Zr 3 AlC 2 lat-
ice parameters and may be responsible for the plateau of the AR
r 3 AlC 2 c -parameter above 400 °C ( Fig. 7 b). Elements will migrate
rom the MAX phase to the decomposition products, resulting in
 reduction in c -parameter in the remaining non-stoichiometric
AX phase. However, inspection of the XRD data indicates that
he Zr 3 AlC 2 , proton-irradiated to both moderate and high damage
evels, at both 350 and 575 °C, only reduces in MAX phase frac-
ion by approximately 1 – 5 wt.% in all cases. This is dramatically
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Fig. 8. Phase changes observed during the XRD in situ heating experiment in the non-irradiated AR sample. (a) Zr 3 AlC 2 ; (b) Nb 4 AlC 3 ; (c) (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 .White markers 
indicate phase fractions after cooling back to room temperature. 
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 lower than the decomposition indicated by the VT-XRD. As alluded
to earlier, it is believed that the N 2 -rich environment is a cause
for such changes, leading to the destabilisation of Zr 3 AlC 2 . In the
case of (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 , which is stabilised by the addition of Ti,
such phase decomposition is not observed ( Fig. 8 c). The lack of
oxide/nitride peaks in the Zr 3 AlC 2 VT-XRD data indicates that the
N 2 -rich environment leads to a decomposition of the MAX phase
without the precipitation of nitride phases. 
On the other hand, Nb 4 AlC 3 demonstrated phase stability across
the entire temperature range, up to 600 °C ( Fig. 8 b). An average
Nb 4 AlC 3 fraction of 90.3(2) wt.% was measured. This inherent ther-
mal stability and resistance to Al leaching, leads to reduced micro-
cracking severity in this ceramic ( Fig. 5 d). It should also be noted
that ∼5.8(5) wt.% of an Al 3 Nb intermetallic is present through-
out the HT of AR Nb 4 AlC 3 , but does not increase in fraction. A
3.7(12) wt.% Al 2 O 3 fraction is also observed ( Fig. 8 b), which was
not detected in the XRD analysis of Nb 4 AlC 3 at RT (Supplementary
Fig. S3b), and is attributed to the microstructural heterogeneity of
the material. The Al 2 O 3 is present in the AR Nb 4 AlC 3 as observed
previously in similar compositions [13] . 
4. Conclusions 
This investigation has provided an initial insight into the
suitability of the three new MAX phase compositions; Zr 3 AlC 2 ,
(Zr 0.5 ,Ti 0.5 ) 3 AlC 2 and Nb 4 AlC 3 for use in ATF applications or fu-
ture Gen-IV reactor designs. The analysis of proton irradiated MAX
phase ceramics shows that the Zr 3 AlC 2 offers a superior ability for
irradiation-induced defect recovery above temperatures of 400 °C
compared to Nb 4 AlC 3 . 
Such limited low-temperature defect-recovery leads to cracking
of the MAX phases as witnessed in this study. The use of DFT has
shown that 413-MAX phases in general may not perform well un-
der low-temperature irradiation conditions, due to the preference
for M:A antisites and C Frenkel pairs to form at the M-2 layer,
furthest from the A-layer, presenting a significant barrier for de-
fect recombination. However, despite these drawbacks, the 413-
MAX Nb 4 AlC 3 demonstrates a greater phase stability in a N 2 -rich
environment compared to the 312-MAX Zr 3 AlC 2 , which undergoes
phase decomposition at temperatures above 400 °C. The addition
of Ti to the (Zr 0.5 ,Ti 0.5 ) 3 AlC 2 composition, stabilises the MAX phase
in such an environment. In general, the low yields of Zr 3 AlC 2 MAX
phase during fabrication may impede its wider use. 
This study suggests that these particular MAX phase composi-
tions are better suited to future generation nuclear applications,
involving higher operating temperatures. As future Gen-IV reac-
tors will operate at temperatures above 500 °C, the more sta-
ble Nb 4 AlC 3 may demonstrate a favourable defect-recovery ability
under these conditions. Due to the poor ability for defect-
recombination in the 413-MAX phases, compared to the 312-MAXhases, established in this study, further high-damage and high-
emperature irradiation experiments are required. This will allow
n understanding of whether the irradiation behaviour of the 413-
AX phases will be a significant limiting factor for the use of such
ompositions in future nuclear reactor environments. 
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